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Microstructure and microtexture analyses have been made of three aluminium alloys after
annealing alone and after concurrent straining and annealing, and simulative models of
microstructure/microtexture evolution processes have been formulated. Both experimental and
modelling results are presented as boundary misorientation distributions. For each alloy, the
results show that annealing alone does not significantly alter the boundary misorientation
distribution, while concurrent straining and annealing (up to a strain of 0.5) decreases the
fraction of low-angle boundaries. To understand the mechanisms by which concurrent
straining and annealing alter the boundary misorientation distribution, three simulative models
of microstructure/microtexture evolution during concurrent straining and annealing have been
formulated. Application of the models to experimentally determined initial microstructure/
microtexture states shows that the boundary sliding (sub)grain rotation model decreases the
fraction of low-angle boundaries, the dislocation glide (sub)grain rotation model increases the
fraction of low-angle boundaries, and the (sub)grain neighbour switching model has a modest
effect on the boundary misorientation distribution. A combination of the boundary sliding
(sub)grain rotation model and the (sub)grain neighbour switching model most closely
reproduces the boundary misorientation distributions found experimentally.

1. Introduction
Continuous recrystallization refers to the process by
which a deformation microstructure is converted into
a grain structure, without the necessity for migration
of high-angle boundaries. This process differs from
discontinuous recrystallization in that nucleation and
growth of new grains do not occur. Instead, low-angle
boundaries in the recovering deformation microstruc-
ture evolve into high-angle boundaries as a result of
subgrain rotation processes. The term “subgrain rota-
tion” as conventionally used in the context of subgrain
coalescence implies that lattice orientations in adja-
cent subgrains converge [1-4]. In the context of con-
tinuous recrystallization, subgrain rotation implies
that lattice orientations in adjacent subgrains diverge.
When a deformation microstructure evolves into a
recrystallized grain structure by gradual lattice rota-
tions, an individual crystal may be bounded at various
times by low-angle boundaries predominately, by a
mixture of low- and high-angle boundaries, and finally
by high-angle boundaries predominately. Rather than

seeking to adapt the discreet terms “subgrain” and:

“grain” to this continuum of microstructural states, we
use the term “(sub)grain” to refer to the individual
crystals in all but the final recrystallized microstruc-
ture, where we refer to grains.

Texture measurements and boundary misorienta-
tion studies show that little spontaneous divergent
(sub)grain rotation occurs during annealing of de-
formation microstructures [4, 5], implying that con-
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tinuous recrystallization cannot take place during an-
nealing alone. However, when a cold- or warm-rolled
material is deformed at a slow strain rate at the
annealing temperature, the applied stress apparently
creates a driving force for (sub)grain rotation, and
low-angle boundaries in the recovering deformation
microstructure continuously evolve into high-angle
boundaries. Thus, continuous recrystallization ap-
pears to be strictly a dynamic process, and the pre-
ponderance of detailed experimental observations rel-
ative to continuous recrystallization are associated
with studies of superplastic deformation of aluminium
alloys [6-26]. The conclusion that continuous re-
crystallization can only occur dynamically is con-
sistent with the observation that low-angle boundary
energy increases as boundary misorientation increases
[27, 28]. Therefore, any process that leads to general
divergence of (sub)grain orientations requires an ex-
ternal driving force, which is supplied by the applied
stress during concurrent straining and annealing but
which is absent during static annealing,

Despite the accumulation of evidence that a grain
structure can evolve from a deformation microstruc-
ture through (sub)grain rotation driven by stress at
elevated temperatures, the mechanism(s) that lead to
(sub)grain rotation during concurrent straining and
annealing have not been definitively identified.
(Sub)grain boundary sliding, (sub)grain neighbour
switching, and intra(sub)granular slip have all been
suggested as mechanisms that contribute to continu-
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ous recrystallization [13-26]. (Sub)grain growth has
also been proposed as a continuous recrystallization
mechanism [8-12], but (sub)grain growth without
concurrent (sub)grain rotation is inconsistent with a
variety of texture observations [21-26].

Essentially, all reports of continuous recrystalliza-
tion describe microstructure, boundary misorienta-
tion, and/or texture at discrete strain intervals. In situ
observations of the process of continuous recrystalliz-
ation have not been reported. Absent direct observa-
tions of (sub)grain rotation processes, models that
simulate (sub)grain rotation during concurrent strain-
ing and annealing could provide insight into the
mechanisms of (sub)grain rotation that contribute to
continuous recrystallization. The purpose of the pre-
sent work was to describe simulative models of several
possible mechanisms of (sub)grain rotation during
concurrent straining and annealing, and to compare
the model predictions with experimental observations
of confinuous recrystallization in three aluminium
alloys.

2. Experimental observations

Grain orientation and boundary misorientation data
for Al-0.24Zr—0.1Si and Al-4.1Cu-0.28Zr-0.1Si al-
loys (compositions are given in weight per cent) have
been previously reported [21, 22] and are included in
the present paper for comparison with model results.
Similar experimental observations have been made
more recently for a Weldalite'™ alloy designated 049
(Al-4.76Cu-1.27Li-0.37Ag-0.33Mg-0.13Zr) and- are
reported for the first time in the present paper. The
techniques used for concurrent straining and an-
nealing experiments have been described previously
[21, 22], including specific temperatures, holding
times, and initial strain rates for the Al-Zr-Si and
Al-Cu-Zr-Si alloys. For the Al-Cu~Li-Ag-Mg—Zr
alloy, tensile specimens with the tensile axis parallel to
the rolling direction (L) were heated to the test temper-
ature of 773 K in approximately 0.5 h, and were held
at that temperature for 0.16 h prior to straining at an
initial strain rate of 6.6 x 10™%s~ !, Tests were inter-
rupted at true strains, g, of 0.11, 0.21 and 0.47; and the
tensile specimens were rapidly quenched in water.
TEM foils normal to the long transverse (T) direction
were prepared, and measurements of grain orientation
and boundary misorientation were performed as de-
scribed previously [21, 22].

Experimental results consist of lattice orientation
data for individual, contiguous (sub)grains; from
which the axis/angle pairs for individual boundaries
are extracted. Figs 1-3 show the distributions of the
boundary misorientation angles from various samples,
represented in the form of histograms.

The as-rolled microstructure has been evaluated for
the Al-Zr-Si alloy. Approximately two-thirds of the
boundaries characterized have misorientations of 10°

or less. The boundaries with misorientations near 55°

are transition-band-type boundaries between defor-
mation bands, and are nearly always parallel to the
rolling plane. Similar features have been described by
other authors for a variety of rolled aluminium alloys
[29-37].
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Figure | Experimentally determined boundary misorientation dis-
tributions for the grip and gauge sections of the Al-Zr—Si alloy. (a)
As-rolled; (b) grip, strain = 0.22; (c) gauge, strain = 0.22; (d) gauge,
strain = 0.46.

The grip section results are broadly similar for all
three alloys investigated. More than half of the bound-
aries examined in each grip section have misorienta-
tions of 10° or less, similar to the as-rolled micro-
structure of the Al-Zr-Si alloy. Transition-band-type
boundaries were observed in the Al-Cu-Zr-Si and
Al-Cu-Li-Ag-Mg-Zr grip sections, but not in the
Al-Zr-Si grip section. It is thought that this reflects
the small number of observations and variable spacing
of transition-band-type boundaries, rather than a fun-
damental difference between these microstructures. It
has been previously reported that the boundary mis-
orientation distributions in samples of the Al-Zr-Si
alloy annealed for extended periods (not grip sections
of tensile specimens) were essentially the same as the
boundary misorientation distributions in the grip sec-
tions [21]. Taken as a whole, these results suggest that
in the absence of discontinuous recrystallization, an-
nealing without concurrent deformation does not sig-
nificantly alter the boundary misorientation distribu-
tion in any of the three alloys investigated.

Figs.1-3 also show boundary misorientation dis-
tributions for the gauge sections of the tensile samples.
These results are characterized by a marked decrease
in the fraction of boundaries with misorientations of
10° or less, and a simultaneous increase in the fraction
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Figure 2 Experimentally determined boundary misorientation dis-
tributions for the grip and gauge sections of the Al-Cu—Zr-Si alloy.
(a) Grip, strain = 0.22; (b) gauge, strain = 0.22; (c) gauge, strain
= 0.44; (d) gauge, strain = 0.88.

of higher-angle boundaries, as a function of elevated
temperature strain. At strains near 0.45, for example,
boundaries with 10° or less misorientation represent
fewer than one-third of the boundaries in each alloy.
There are two potential origins for the observed shift
in the boundary misorientation distributions. Either:

(i) some low-angle boundaries are transformed into
high-angle boundaries as a result of (sub)grain rota-
tion and (sub)grain switching processes; or

(ii) some of the low-angle boundaries initially pre-
sent are eliminated by (sub)grain growth so that the
high-angle boundaries initially present comprise a
larger fraction of the total boundary population.

Examination of the boundary locations and orienta-
tions in transmission electron micrographs shows that
explanation (i) is the dominant effect. For example,
boundaries with misorientations between 10 ° and 20°
and with the boundary plane approximately normal
to the L direction are infrequently observed in the grip
sections [21, 22]. After concurrent straining and an-
nealing to € > 0.2, such intermediate angle boundaries
normal to the L direction are often observed. No
evidence of discontinuous recrystallization was found
in any of the grip or gauge sections.
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Figure 3 Experimentally determined boundary misorientation dis-
tributions for the grip and gauge sections of the
Al-Cu-Li-Ag-Mg-Zr alloy. (a) Grip, strain = 0.21; (b) gauge
strain = 0.11; (c) gauge, strain = 0.21; (d) gauge, strain = 0.47.
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While the boundary misorientation distributions
provide a general picture of a shift from low
misorientation angles to higher misorientation angles
as a function of strain, the € = 0.88 result for the Al
—Cu~Zr-Si alloy illustrates the opposite trend. In a
previous paper [22], evidence was presented to show
that this effect was caused by a significant contribu-
tion to plastic deformation from intra(sub)granular
slip in the strain interval 0.44-0.88. This results in re-
intensification of the original deformation texture and
a shift of boundary misorientations back toward low
angles. Modelling results pertinent to this case are
presented later.

The combined experimental observations indicate
that lattice rotations occur in all three of the alloys
during the course of concurrent straining and an-
nealing, but not during static annealing. This is con-
sistent with the view of continuous recrystallization as
a strictly dynamic process. However, the mechanism
of lattice rotation is not clarified by these observa-
tions. In Section 3, simulative models of lattice rota-
tion mechanisms are described and are applied to
experimentally determined microstructure/microtex-
ture states. In Section 4, model results are compared
with experimental observations.



3. Boundary misorientation evolution
models
Two mechanisms of (sub)grain rotation have been
considered in the present study: (sub)grain rotation
resulting from boundary sliding (BSSR), and from
dislocation glide (DGSR). A simulative model of each
process has been formulated, as described below. In
addition, a (sub)grain neighbour switching analysis
has been used to examine the effects of (sub)grain
neighbour changes associated with boundary sliding.
To exercise the simulative models, an initial micro-
structure/microtexture state must be specified for
each alloy. In the present investigation, measured
(sub)grain positions, boundary positions, and lattice
orientations from the grip sections of tensile specimens
strained to & = 0.21 or 0.22 are used to define the
initial states. The boundary misorientation distribu-
tions for the microstructural states used for the three
alloys are shown in Figs 1-3. Micrographs showing
the boundary positions and misorientations have been
previously published for the Al-Zr-Si and
Al-Cu-Zr-Si alloys [21, 22]. The micrograph in
Fig. 4a shows the (sub)grain structure found in the
grip section of the Al-Cu-Li-Ag—Mg-Zr alloy. The
misorientation angles of many of the boundaries in
Fig. 4a are marked on the micrograph.

The grip sections of the tensile specimens have
experienced the same thermal treatment as the gauge
sections, but have not been strained. Total exposure
time of each grip section at the test temperature is
approximately 1000 s: the thermal stabilization period
accounting for the first 600 s (approximately) and the
remainder associated with the time required to attain
a strain of 0.21 or 0.22 in the gauge section. During the
straining process, the gauge sections of the tensile
specimens are subject to both static annealing pro-
cesses and dynamic processes associated with concur-
rent straining and annealing. However, the simulative
models only account for dynamic processes. Using the
grip-section microstructure/microtexture observa-
tions to define the initial states for the simulative
models thus incorporates static annealing effects into
the model results. For the alloys included in the
present study, static annealing processes are slow
compared to the dynamic processes of interest and
little difference would be expected in the modelling
results if microstructure/microtexture observations
from the cold- or warm-rolled sheets were used to
define the initial states for modelling purposes.

Yo%

Figure 4 Method used to define (sub)grain neighbours after
(sub)grain neighbour switching. (a) Transmission electron micro-
graph of the grip section of an Al-Cu-Li-Ag-Mg-Zr tensile
specimen (gauge section strain = 0.22). Numbers marked on the
micrograph represent boundary misorientation angles. The scale
marker is parallel to L; T is normal to the page. (b) Dirichlet
tessellation representing a portion of the microstructure in (a). Line
thickness indicates boundary misorientation: thin lines represent
10° or less misorientation, intermediate lines represent boundary
misorientations between 10° and 50°, and thick lines represent
boundaries with misorientations of 50° or greater. (c) Dirichlet
tessellation from (b) with centroid of each grain mapped to a new
location corresponding to a tensile strain of 0.41.

(c)
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Figure 5 Calculated boundary misorientation distributions for the
gauge sections of the 'Al-Zr-Si alloy. (a) 5° rotation; (b) 10°
rotation; (c) intra (sub)granular slip; (d) switching; (e) 5° rotation
+ switching.

3.1. Boundary sliding {sub)grain rotation
model

Grain rotation associated with boundary sliding has
long been recognized as a characteristic feature of
superplastic deformation [38—44]. Simulative model-
ling by Beere [43, 44] indicates that grain rotation
accompanies boundary sliding even if all of the bound-
aries slide at the same rate. Differences in sliding rate
among the various boundaries enveloping a grain, a
result of differing boundary misorientations for ex-
ample, strongly increases the rate of grain rotation in
Beere’s model.

The prior experimental observations and modelling
results suggest that (sub)grain rotation occurs if
boundary sliding contributes appreciably to the total
strain. However, bicrystal boundary sliding experi-
ments have consistently shown that low-angle bound-
aries slide at very low rates [45-50]. Therefore, if the
initial microstructures of the alloys under investiga-
tion contained only low-angle boundaries, boundary
sliding would be unable to contribute significantly to
deformation and subgrain rotation associated with
boundary sliding would not be expected. However, the
boundary misorientation distributions presented in
the previous section show that some of the boundaries
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Figure 6 Calculated boundary misorientation distributions for the
gauge sections of the Al-Cu-Zr-Si alloy. Model parameters for
(a)—(e) are as in Fig. 5.

present initially have high misorientation angles. It is
proposed that sliding along these prior high-angle
boundaries is sufficient to start the process of
(sub)grain rotation in the adjacent (sub)grains [22].
Lattice rotation in (sub)grains initially bounded by at
least one high-angle boundary introduces new high-
angle boundaries, which start to slide as their mis-
orientation exceed about 10°. In this view, continuous
recrystallization is a cascade-like process that starts
from high-angle boundaries initially present in the
deformation microstructure.

Although the lattice rotation processes described
above are inhomogeneous, these processes may be
approximately simulated by imposing a lattice rota-
tion on each (sub)grain. Examination of micro-pole
figures from previous studies [21, 227 indicates that
(sub)grain rotations up to 10° or 15° are induced by
strains in the range 0.4-0.5. To simulate these lattice
rotations, the BSSR model rotates the lattice of each
(sub)grain by X degrees about a different, randomly
selected axis. For purposes of the present study,
0° < X <10°

To implement this procedure, the initial lattice ori-
entation in each (sub)grain is specified by the experi-
mentally determined orientation matrix that
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Figure 7 Calculated boundary misorientation distributions for the
gauge sections of the Al-Cu-Li-Ag-Mg-Zr alloy. Model para-
meters for (a)—(e) are as in Fig. 5.

prescribes the lattice orientation relative to the bulk
specimen axes: L, T and S. For each (sub)grain, a rigid
body rotation matrix is constructed [51] using a
randomly selected rotation axis and the specified
angle of rotation, X. Matrix multiplication methods
give new orientation matrices for the (sub)grains after
rotation, from which new boundary misorientations
are derived. Application of the simulative BSSR model
to the initial lattice orientations for the three alloys
included in the present investigation yields the bound-
ary misorientation distributions shown in the upper
two histograms in Figs 5-7.

3.2. Dislocation glide (sub)grain rotation
model

Deformation texture is a result of slip on selected sets
of slip systems within each grain. If intra(sub)granular
slip contributed significantly to strain during concur-
rent straining and annealing of the tensile specimen
gauge sections, the resulting lattice rotations would
alter the boundary misorientation distributions. Lat-
tice rotations resulting from dislocation glide are the
basis for the DGSR model.

Taylor analyses require that five independent slip
systems operate within each grain during plastic flow

[52]. When five slip systems operate, calculations of
the contribution of each slip system to strain and to
lattice rotation are relatively complex. More recent
analyses have shown that relaxed constraint models of
texture development [ 53], in which fewer than five slip
systems operate in each grain, are often in better
agreement with experimental texture observations.

For the alloys used in the present investigation,
bulk texture measurements show that the deformation
texture resulting from cold- or warm-rolling is such
that < 112> is approximately aligned with the
rolling direction. Because the tensile axis and rolling
direction coincide, the tensile axis is nearly parallel to
< 112 > for most (sub)grains. Schmid factor calcu-
lations show that the primary and conjugate slip
systems for a < 112> tensile axis have Schmid
factors substantially higher than the other ten slip
systems. Therefore, we make the simplifying assump-
tion that only the primary and conjugate slip systems
operate in each (sub)grain, which permits use of an
analytical treatment of duplex slip [54] to obtain the
lattice rotation associated with dislocation glide as a
function of tensile strain. Application of the DGSR
model to the initial lattice orientations introduces a
strain dependence in the orientation matrix compon-
ents for each (sub)grain. Thus, the boundary mis-
orientation distributions can be determined for selec-
ted strains. The boundary misorientation distribu-
tions obtained for a strain of 0.41 (tensile elongation
= 50%) are represented in the middle histograms in
Figs 5-7.

3.3. (Sub)grain neighbour switching model
The association between the boundary sliding process
and grain neighbour switching is vividly conveyed by
Fig. 4 in [55], which schematically illustrates the grain
neighbour switching process for an idealized grain
geometry. Even from such idealized illustrations it is
clear that grain neighbour switching can alter the
boundary misorientation distribution, independent of
lattice rotations that may occur. However, determin-
ing which grains will be neighbours in a real micro-
structure after some amount of strain is not simple. To
evaluate the magnitude of this effect, a simulative
model for (sub)grain neighbour switching has been
formulated.

In the model of (sub)grain neighbour switching, it is
necessary to predict which (sub)grains in the initial
microstructure will be neighbours after a selected
strain, This prediction is made starting with a bright-
field transmission electron micrograph from the grip
section of a tensile specimen, Fig. 4a for example. The
approximate x—y position of each (sub)grain centroid
is determined for the (sub)grains in the micrograph.
The group of (sub)grains selected for the analysis must
form a contiguous region. The Dirichlet tessellation is
computed using the (sub)grain centroids as the gener-
ating centres [56], Fig. 4b for example. To ensure that
the Dirichlet tessellation provides an acceptable de-
scription of the microstructure, the list of (sub)grain
neighbour pairs identified using the Dirichlet analysis
is compared with the neighbour pair list identified
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directly from the bright-field transmission electron
micrograph. In the absence of markedly concave
grains, (sub)grain neighbour pairs identified using the
Dirichlet analysis match those identified directly from
the micrograph.

To simulate the effect of strain on the microstruc-
ture, a homogeneous, area-preserving, plane strain
corresponding to the desired tensile clongation is then
imposed on the group of (sub)grain centroids, causing
them to be mapped to new locations. The Dirichlet
tessellation is recomputed using these new centroid
locations, and new (sub)grain neighbours are identi-
fied for the selected strain level, Fig. 4c for example.
The orientation matrix for each (sub)grain is un-
changed as a result of this (sub)grain neighbour
switching process, but the boundary misorientations
are changed as a result of (sub)grain neighbour
switching. Grains labelled A and B in Fig. 4 illustrate
the effect that (sub)grain neighbour switching can have
on the boundary misorientation distribution. Initially,
these (sub)grains are neighbours separated by a 5°
misorientation boundary. After straining, (sub)grains
A and B are no longer neighbours and the low-angle
boundary that initially separated them is absent from
the boundary misorientation distribution. Note that
the cells of the Dirichlet tessellation are approximately
equiaxed following deformation, which is in accord
with grain morphology observations for superplastic-
ally deformed materials [38—41]. The fourth histo-
gram in Figs 5-7 shows the effect of (sub)grain neigh-
bour switching on the boundary misorientation dis-
tributions for the three alloys included in the present
study.

4. Discussion: comparison of
experimental and model results

The effect of concurrent straining and annealing on
boundary misorientation distributions has been estab-
lished experimentally (Section 2) and through several
simulative models (Section 3). The purpose of this
discussion section is to compare the experimental and
modelling results, with the goal of identifying which
models most closely reproduce the experimental res-
ults. The models for DGSR and for (sub)grain neigh-
bour switching are explicit functions of strain. The
strain value used to obtain the modelling results
shown in Figs 5-7 is 0.41. It is therefore appropriate
to compare the modelling results with the experi-
mental results for tensile specimens deformed to a
similar strain. Figs 1-3 contain boundary misorient-
ation distributions for tensile strains in the range 0.44
to 0.47 for the various alloys.

4.1. Boundary sliding (sub)grain rotation
model results

For all three alloys, the prominent effect of the BSSR
model on the boundary misorientation distribution is
to decrease the fraction of boundaries with
misorientations of 10° or less. Thus, the BSSR model
reproduces the principal characteristic of the experi-
mental boundary misorientation distributions for ten-
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sile strains near 0.45. For the Al-Zr-Si alloy, a rota-
tion of 10° yields better agreement between the BSSR
model results and the experimental boundary mis-
orientation distribution, while a 5° rotation yields
better agreement for the other two alloys.

Although the BSSR model reproduces in a general
way the principal characteristic of the experimental
observations, a strong fundamental basis for selecting
a particular value of (sub)grain rotation to associate
with strains near 0.45 does not exist. Previously pub-
lished micro-pole figures for the Al-Zr-Si and
Al-Cu—Zr-Si alloys [21, 22] show that initially sim-
ilar (sub)grain orientations diverge during concurrent
straining and annealing by rotations of up to 10° or
15°. The classic marker line experiments described by
Matsuki et al. [40, 41] and others [42] reveal grain
rotations of similar magnitude for strains near 0.5. In
addition, the simulative grain rotation model formu-
lated by Beere [43, 44] indicates that grain rotations
of 10° or more are readily achieved at a strain of 0.5,
provided that moderate differences in boundary slid-
ing rate exist among the various boundaries in the
material. Based on these observations, a rotation of 5°
has been selected to represent the average subgrain
rotation at a strain of 0.41.

The present (sub)grain rotation model uses the
simplistic assumption that every (sub)grain rotates by
the same amount, although the rotation axis is differ-
ent for every (sub)grain. Even a 5° rotation from the
initial (sub)grain orientations is sufficient to reduce the
fraction of boundaries with misorientations of 10° or
less. Such a reduction is characteristic of the experi-
mental observations for all three alloys at strains
below 0.5. A refined model in which the amount of
(sub)grain rotation is randomly selected within some
range might be able to improve detailed agreement
between the experimental and model boundary mis-
orientation distributions. However, it is important to
remember that the experimental results are highly
variable owing to the limited number of observations
and to the inherent microstructural inhomogeneity.
Thus, excessive refinement of the model(s) in an at-
tempt to improve detailed agreement with the experi-
mental observations does not appear to be warranted.

4.2. Dislocation glide (sub)grain rotation
model results

Application of the DGSR model to the initial bound-
ary misorientation distributions for the three alloys
increases the fraction of boundaries with misorient-
ations of 10° or less. This reflects convergence of
(sub)grain orientations and intensification of the ini-
tial texture, a result that would be anticipated for
deformation by slip. Because this result is contrary to
experimental observations for strains near 0.45, we
conclude that (sub)grain rotation during concurrent
straining and annealing of the alloys studied in the
present investigation is not a result of slip. This is
consistent with an earlier report that the contribution
of slip to the total strain was less than 10% during
superplastic deformation of a continuously recrystal-
lized Al-Cu-Zr alloy [26].



As noted in a previous paper [22], the strain inter-
val 0.44-0.88 increases the fraction of boundaries with
misorientations of 10° or less, and intensifies the bulk
deformation texture of the Al-Cu-Zr-Si alloy.
Brooks et al. [22] suggested that these observations
reflect an increasing contribution of slip to the total
strain in the interval 0.44-0.88. The DGSR model
confirms that this is the expected result for deforma-
tion by slip, providing further support for the sugges-
tion of Brooks et al. It is notable that the Al-Cu-
Zr-Si alloy did not exhibit the large elongation char-
acteristic of superplastic alloys. The limited elongation
to failure is consistent with the view that
intra(sub)granular slip processes were important in
the strain interval 0.44-0.88, because alloys that de-
form predominately by slip are generally not super-
plastic. It is not known why this alloy deformed by
mechanisms that produced divergent (sub)grain rota-
tions during the strain interval 0-0.44, but shifted to
mechanisms that produced convergent (sub)grain ro-
tations during the strain interval 0.44-0.88.

4.3. (Sub)grain neighbour switching model
results

(Sub)grain neighbour switching produced only modest
changes in the boundary misorientation distributions
for the three alloys. This result can be anticipated from
knowledge of the initial microstructure/microtexture
states of the alloys. (Sub)grains of similar orientation
are arranged in . deformation bands par-
allel to the rolling plane. Moderate elongation of
deformation bands in the L direction maintains many
(sub)grains of similar orientation in contact, with the
result that (sub)grain neighbour switching does not
strongly alter the boundary misorientation distribu-
tions.

4.4. Combined boundary sliding (sub)grain
rotation and {sub)grain neighbour
switching model results

The BSSR model produced boundary misorientation

distributions broadly similar to those found experi-

mentally. However, because the (sub)grains remain
approximately equiaxed during deformation (a salient

characteristic of superplastic deformation [38-417),

(sub)grain neighbour switching must occur in

conjunction with the boundary sliding and (sub)grain

rotation. To model the combination of these pro-
cesses, we have applied the individual BSSR and

(sub)grain neighbour switching models successively to

the initial boundary misorientation distributions. Be-

cause the models are independent, the order of ap-
plication is immaterial.

The last histogram in Figs 5-7 shows the combined
BSSR and (sub)grain neighbour switching model res-
ults. Comparing these distributions with the experi-
mentally determined distributions for strains near 0.45
reveals broad similarities. Thus, we find that a com-
bination of the boundary sliding (sub)grain rotation
and (sub)grain neighbour switching models produces
boundary misorientation distributions consistent with

experimental observations for the three alloys in-
cluded in the present study. This finding is also con-
sistent with a wide variety of previous observations
concerning evolution of microstructure and texture
during concurrent straining and annealing of super-
plastic aluminium alloys [13-26]. The modelling res-
ults support the idea that continuous recrystallization
is strictly a-dynamic process in which the applied
stress drives (sub)grain rotation such that initial
(sub)grain orientations diverge during concurrent
straining and annealing.

5. Conclusions

This study of simulative modelling of microstructure/
microtexture evolution during concurrent straining
and annealing of three aluminium alloys has lead to
the following conclusions.

1. The boundary misorientation distributions for
the three alloys included in the present study are
broadly similar after annealing alone and after
concurrent straining and annealing. Annealing alone
does not significantly alter the boundary misorienta-
tion distribution, while concurrent straining and an-
nealing decreases the fraction of low-angle bound-
aries.

2. Three simulative models of microstructure/
microtexture evolution during concurrent straining
and annealing have been formulated. Application of
the models to experimentally determined initial micro-
structure/microtexture states shows that the boundary
sliding (sub)grain rotation model decreases the frac-
tion of low-angle boundaries, the dislocation glide
(sub)grain rotation model increases the fraction of
low-angle boundaries, and the (sub)grain neighbour
switching model modestly decreases the fraction of
low-angle boundaries.

3. A combination of the boundary sliding
(sub)grain rotation model and the (sub)grain neigh-
bour switching model most closely reproduces the
boundary misorientation distributions found experi-
mentally.

4. The experimental and modelling results are con-
sistent with the view that continuous recrystallization
is strictly a dynamic process.
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